The
Introduction
Nickel-base superalloys exhibit a remarkable strength behaviour characterized by a high and generally almost constant yield stress with increasing temperatures up to a critical temperature (T c ), where the yield stress drastically decreases with increasing temperatures /1-4/.
These superalloys consist of a Ni face centred cubic matrix (γ), that is strengthened by a dispersion of N13AI precipitates (γ) which have the LI2 ordered crystal structure. The high strength of these materials is thought to be derived from the particle hardening caused by the presence of the y precipitates as well as solid solution hardening in the γ matrix /2,5/. The ability of the Υ precipitates to impede dislocation motion depends strongly on dispersion parameters such as size, spacing and morphology as well as on the chemical composition of the precipitates.
It is well known that high temperature heat treatments can produce noticeable changes in the γ-Υ microstructure of nickel-base superalloys. The effect of heat treatments on coarsening and shape changes of the Υ precipitates has been reported in a number of papers, see, for instance, Caron and Khan /6,7/ and Hazotte and Lacaze /8/. Thus, it is reasonable to assume that the
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Single Crystal Superalloy deformation resistance of nickel-base superalloys can be optimised by the careful design of heat treatments which control the morphology and distribution of the γ'
precipitates.
This paper presents results of a study on mechanical properties associated with precipitation and aging heat treatments on a CMSX-6 nickel-base single crystal. To prevent oxidation during heat treatment, the samples were sealed in quartz tubes which after a primary vacuum pumping were back-filled with argon. The following precipitation heat treatments (PHTs) were To insure fast cooling at the end of the heat treatments, the quartz tubes were rapidly removed from the furnace and quenched in water.
The SEM investigation was done in a Cambridge S250, working in the secondary electron mode. Good observation conditions were achieved by rapidly etching (-20 to 40 s) the samples in a mixture of one part nitric and two parts hydrochloric acids at 5 'C. TEM observations were performed using a Hitachi H700 operated at 200 kV. Prior to deform, TEM specimens perpendicular to the compression axis and parallel to the {120} sample faces were cut by spark erosion. These slices were mechanically thinned to -0.20 mm and then electrolytically polished by the two-jet method with a solution of 45% acetic acid -45% butoxy ethanol -10% perchloric acid at -6 °C and 25V. The γ' precipitate sizes were determined from the SEM and TEM photographs by using an automatic image analyser (Kontron IBAS II).
The mechanical tests were performed on a Schenck machine, type RMC 100, at a constant strain rate of approximately 8 χ 10~5 s _1 . The inverted compression load train used has been described elsewhere /9/. Temperature control in stress relaxation experiments is of prime importance and suitable conditions were achieved by using a radiant heating furnace with an accurate PID controller. The temperature stability, which was measured by a thermocouple mounted close to the sample, was generally better than ± 0.2K during the deformation tests. An inert atmosphere of helium was employed for tests above room temperature. Each sample was deformed at several temperatures ranging between 293K and 1273K. All the tests were stopped at 0.2% plastic strain and the corresponding stress, i.e., the
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CRSS, was calculated using the Schmid factor for primary octahedral glide (m -0.41). Data acquisition was performed via a HP 3852A voltmeter by an HP 9300 computer.
Stress relaxation experiments with durations of approximately 5 minutes were also done in order to examine the strain-rate sensitivity of the flow stress. One of the main advantages of the stress relaxation technique is that during relaxation the sample is only slightly deformed and the substructure can be considered to remain constant. A data acquisition rate of 0.3 s 1 was used for the relaxation tests. For all the tests, a logarithmic decrease of the stress as a function of time was observed and the corresponding apparent activation volumes (V*), which are characteristic of the thermally activated processes that control plastic deformation, were determined by using the classical framework of the thermal activation theory. In this theory, the change in stress is related to time in the following manner /10/:
where c is an integration constant which must be fitted in order to obtain a linear decrease of the stress (Δτ) as a function of log(t), and the other parameters have their usual meaning. The V* were expressed in terms of b 3 , with b = 0.254 nm. In practice, the activation volumes V* are determined according to the above relation from the slope of a linear fit of log(t/c+l) versus Δτ by using a least squares computer program. The constant c is adjusted by iteration, c = ΣΑο, until the mean squares residual χ 2 is minimized. A two-level iteration is performed and the Ac increments are continuously adjusted to decreasing values, close to the χ 2 's minimum, to optimise the fitting. In this method, the last Ac increment corresponds to a final AV* adjustment of less than 1%.
Experimental Results

A. Microstructures
The SEM observations have already been presented elsewhere /11/. No significant distinction was found in the γ-γ* microstructures produced by the three PHTs. They all consist of an homogeneous distribution of almost cuboidal Υ precipitates (-0.5 μπι) with faces roughly aligned with {001} planes. However, a clear difference was evidenced for the AHT. It was observed a bimodal distribution of γ' precipitates consisting of smaller Υ distributed between the typical cubic y.
Consequently, preliminary TEM observations were only performed for one of the PHTs, the SPHT, and for the AHT. A typical TEM micrograph of the γ-γ' microstructure obtained with the SPHT is shown in Fig.  la . Dark field conditions were applied by using a superlattice diffraction vector of the <100> type. As expected from the SEM observations, a regular distribution of cubical Υ precipitates is observed. The sides of the Υ precipitates are now clearly seen to be parallel to {100) planes. A fair agreement of the Υ sizes is found for both observation techniques, i.e., SEM and TEM yield 0.47 ± 0.14 μηι and 0.49 ±0.15 um, respectively. A careful examination at higher magnification did not reveal any additional distribution of finer Υ precipitates (Fig. lb) .
The γ-Υ microstructure associated with AHT is presented in Fig. 2a . The cubical shape of the large Υ precipitates are less defined than they were for the SPHT but the precipitate faces appear to be always preferentially oriented with {001} planes. The SEM and TEM observations yield to rather different size values for this Y population: 0.58 ± 0.14 um and 1.14 ± 0.38 um, respectively. This discrepancy is not yet clearly understood but the TEM value is considered as more reliable since it is obtained from more direct observations. A second distribution of smaller Υ precipitates, already identified with the SEM technique, is visible (44 ± 11 nm). In addition, a third family of "hyperfine" Υ precipitates is distinctly observable in the TEM micrographs (Fig. 2b) . The sizes of this last Υ distribution are too small to be determined by using the image analyser; nevertheless, a rough estimation leads to a mean size of 7.5 ± 2.5 nm.
B. Mechanical Tests
As in the SEM observations, no significant difference in CRSS was observed for the three PHTs but a clear distinction was found for the AHT. In the following, the experimental results obtained for the three different PHTs will all be presented together to permit an easier comparison with the AHT.
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For the sake of clarity, the temperature dependences of the CRSSs are shown in Fig. 3 by representative bands, which enclose all the corresponding data. The CRSSs of the PHTs are approximately constant between 293K and -925K. In this range, τ 0 .2% = 330 MPa ± 10 MPa. A very small increase is detectable above 800K; this observation has been reported in a number of earlier studies. The CRSSs of the AHT exhibit a similar behaviour (το.2% = 325 MPa ± 25 MPa) but the strength plateau extends to higher temperatures (T -1050K). Nevertheless, due to the scatter, both CRSSs overlap for temperatures up to Τ -1025K. An unambiguous improvement is only detectable above this last temperature. The clear enhancement is visible in the decreasing domain of the CRSSs. At Τ = 1060K, which was the highest elevated temperature investigated for the AHT, a strengthening as large as Δτο.2% = 40 ± 10 MPa was measured.
The temperature dependence of the corresponding apparent activation volume, V*, for both PHTs and AHT is shown in Fig. 4 . For both heat treatments, the V*s differ quantitatively but present the same qualitative behaviour. The peculiar variation of V* clearly suggests that three different temperature domains should be considered. However, due to the relatively limited number of data the limits of these domains are not yet very well defined, especially for the AHT. To date, the stress relaxation results can be summarized as follows: i)
Between 293K and -500K, the observed V* values start at a rather small level but increase rapidly with temperature. In this domain, V* is higher for the AHT (V*AHT) than for the PHTs (V*PHt)· ii) Between 550K and -925K, initially high values of V* decrease with increasing temperatures. It must be noted that the upper limit of the domain Τ -925K is defined according to the V*pht since additional data, particularly between 925 and 1150K, are required to define more precisely the V*aht transition temperature. For the sake of simplicity, a linear representation has been used to fit the data; however, such a variation has not been rigourously established. It is interesting to note that at the beginning of this domain V*AHT is lower than V*pht but decreases less rapidly with increasing temperatures so that at Τ = 925K the a) 1 μιη b) 0.5 μηι Indeed, it appears more appropriate to consider that this particular variation of V* reflects two superimposed thermally activated processes which have high and low V* values. These processes could be, for instance, precipitation hardening (specified below) and solid solution hardening, respectively.
The observed increase in V* would occur if the last mechanism were progressively supplanted by the former mechanism at higher temperatures and athermal above 500K.
Between 550K and the critical temperature, large values of V which rapidly decrease with increasing temperatures characterize the deformation. As was previously mentioned, a fair agreement has been found with the apparent activation volume values which were measured in a single phase γ' alloy /9,13/. This suggests that the controlling mechanism could be the Υ shearing, i.e., the motion of a/2<l 10> dislocations pairs that are connected by a high energy antiphase boundary. If Υ shearing is similar to the dislocation motion in N13AI, V* can be assumed to represent the thermal unpinning from obstacles formed by the cross slip of screw dislocation in the ordered phase /15/. Additional support for this assumption is found in the stress orientation effects exhibited by some γ-Υ alloys, which is similar to that obtained for pure Υ crystals /12,16/. It is remarkable that the higher critical temperature of the AHT is also clearly reflected by the V* values which decrease less rapidly and even become larger than those of the PHTs with increasing temperatures. But the enhancement of the critical temperature obtained by the AHT is not yet clearly understood.
Finally, at temperatures greater than T c , the Υ shearing mechanism would be able to explain the drop in CRSS if it assumed that the "saturation stress" model /17/ is operating, i.e., at this stress cross-slip obstacles are broken as rapidly as they are formed. The "saturation stress" model has been developed to explain a similar drop in CRSS in pure Υ cube oriented specimens /18/. It must be noted that cubic glide is not expected for [100] oriented samples, since the resolved shear stress is null on the cube planes.
Conclusions
1. PHTs and AHT performed on a CMSX-6 nickelbase superalloy produce different effects:
i) The AHT produces a positive shift of the critical temperature at which the CRSS decreases with temperature.
ii) Different γ-Υ microstructures were observed.
The AHT consisted of cuboidal and two additional families of finely dispersed spheroidal Υ particles, but only cuboidal particles were observed after the PHTs.
iii) For both heat treatments, the qualitative V* behaviour indicates that three different temperature regimes must be considered, but the variation in V* with the temperature was different for AHT and the PHTs.
Similarities in V*(T) variations for superalloys and
Ni3AI(l%Ta) suggest that the mechanisms which are responsible for flow stress in the Υ phase are also controlling deformation in the superalloy.
